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Cu/Co multilayers with periodicity of 4-40 nm were prepared by electron beam evaporation deposition.
Microstructure and room temperature creep behavior were investigated by X-ray diffraction, transmis-
sion electron microscopy and nanoindentation test. The results show that superlattice structure forms
with decreasing periodicity and coherent interfaces come into being at low periodicity of 4 nm. Size
dependence of the creep behavior is observed and power-law creep parameters including stress expo-
nent and size sensitivity index are calculated by dimension analysis. A dislocation model for predicting
Cu/Co multilayers the steady-state deformation of multilayers with semi-coherent interfaces is presented. Nanoscale effects
Nanoindentation are explained by dislocation generation and annihilation mechanisms involving single dislocations slip
Creep in confined layers and dislocations climb at the interfaces, respectively. Model predictions agree well
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with experimental observation.
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1. Introduction

The influence of scale on the mechanical properties of multi-
layers has long been of interest since large hardness enhancement
compared with monolithic coatings of the constituent materials has
been found [1,2]. Through studying the evolution of film strength
as a function of periodicity, the length-scale-dependent strength-
ening mechanisms have been well documented [3]. However, scale
dependence of rate-controlling deformation mechanisms in mul-
tilayers has less been investigated, even though some researchers
have already focused their eyes on room temperature creep phe-
nomena in thin films due to the necessary to practical applications
[4-6]. Recently, size dependence of power-law creep observed in
nanocrystalline has received much attention and several models
have been proposed [7-9]. It is believed that, different from coarse-
gained materials, dislocations in nanocrystalline are mainly located
at high-angle boundaries, and thus both the rates of dislocations
generation and dislocations recovery are enhanced. As a result,
explicit size dependence of steady-state deformation appears. Plas-
tic deformation in nanoscale multilayers is expected far more com-
plex than that in nanocrystalline because interfaces which play a
key role in the plastic deformation have very different structures in
different types of systems. In fact, discrepant size-dependent creep
behavior has already been reported in several multilayer systems
[10-12]. It is obvious that the rate-controlling deformation mech-
anisms in multilayers is still unclear and is open for investigation.
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With the development of depth-sensing indentation technique,
it is accepted that nanoindentation test provides a simplest and
most direct way to probe the mechanical properties, including
creep, of thin films [13,14]. As one of the widely used method,
constant-load indentation (CLI) experiment records the hardness
value with decreasing indentation strain rate during the load-
holding segment, so the tabulation of several hardness-indentation
strain rate pairs can be applied to analyze the creep process
[15-18]. Although nanoindentation creep behavior is considerably
more complex than that measured by conventional uniaxial ten-
sile tests, creep parameters such as stress exponent are in good
agreement with those values obtained by conventional methods
[19-22].

Cu/Co is one of the most studied multilayer systems for it is
an ideal candidate for magnetic sensors and electronic switch-
ing elements due to its giant magnetoresistance (GMR) [23]. In
the present work, we investigate room temperature indentation
creep in Cu/Co multilayers using the CLI method. Creep parameters
including stress exponent and size sensitivity index are calculated
by dimensional analysis. A dislocation model based on dislocations
generation and annihilation at interfaces is developed to account
for the nanoscale effects.

2. Experimental details

Cu/Co multilayers were deposited onto Si(1 0 0) wafers at room temperature by
alternate electron beam evaporation deposition of Cu and Co using an ultra high
vacuum (UHV) chamber. The base vacuum of the chamber was 5 x 107 Pa. Prior
to the deposition of Cu/Co multilayers, a 10-nm-thick Ti layer was deposited to
improve the cohesion between the film and the substrate. The deposition rates were
0.5 A/s for both Cu and Co. The nominal thickness of individual Cu and Co layers was
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Fig. 1. The XRD patterns for all the Cu/Co multilayers.

monitored by an in situ quartz oscillator and all the multilayers were controlled
to have equivalent Cu and Co layers but different periodicity ranging from 4 nm to
40 nm. The total thickness of films was approximately 600 nm.

X-ray diffraction (XRD) experiment was adopted to investigate the microstruc-
ture using Rigaku D/max-RB X-ray diffractometer with Cu Ko radiation.
Transmission electron microscopy (TEM) with selected-area diffraction (SAD) was
performed using a JEM2010 high-resolution electron microscopy (HRTEM) with
200kV accelerating voltages. The mechanical properties of the multilayers, as well
as the Cu and Co monolithic layers, were investigated by a Nano Indenter XP (MTS
Systems Corp.) with a displacement resolution of less than 0.01 nm and loading
resolution of 50nN. A Berkovich indenter, a three-sided pyramid with the same
area-to-depth function as that of a Vickers indenter, was used in all the tests. The
hardness of the multilayers was measured by a continuous-stiffness measurement
(CSM) technique with a load strain rate of 0.05s~!. Indentation creep process was
tested at room temperature by a constant-load indentation (CLI) method. A series of
indents was made on each sample at an inter-indent spacing of 50 wm, and the mean
values of the creep data were then calculated in order to minimize the deviation of
results after the extreme values were rejected.

3. Results and discussion
3.1. Microstructure

X-ray spectra recorded with standard 6-26 reflection geom-
etry of Cu/Co multilayers is shown in Fig. 1. For the multilayer
with A=40nm, only two main Bragg reflections located at 43.4°
and 44.3° are observed, indicating strong (11 1) texture along the
film normal. When the periodicity decreases to 20 nm, another
principal reflection located at 43.9° appears, which is not the char-
acteristic of Cu or Co plane spacing but intermediate between the
spacing characteristics of Cu (111) and Co (111). We presume
that this principle peak is the reflection of the epitaxial Co/Cu
(111) planes. With the decreasing periodicity, the reflections of
Cu (111) and Co (111) disappear and only the principal reflec-
tion can be observed. Moreover, the principal reflection is flanked
symmetrically by some additional satellite peaks and their posi-
tion agrees well with the periodicity predicted by the deposition
rate calibrations. The XRD spectra indicates that superlattice struc-
ture forms with the decreasing periodicity as 2.0% lattice mismatch
within close-packed planes between Cu (111) and Co (111) is
accommodated and manifested by the single Bragg reflection at

Fig. 2. (a) The cross-section HRTEM image and the corresponding SAD pattern
confirm coherent interfaces in the multilayer with A =4nm. (b) The transmission
electron micrograph taken in bright field of the multilayer with A =20nm shows
the layered structure with columnar grains.

~43.9°.0n the other hand, it is well known that full coherent inter-
faces can form only below a critical layer thickness h¢ [24]. When
layer thickness is above this critical value, a square grid of misfit
dislocations between semi-coherent interfaces will form to relax
coherency stresses. Experimental observations in Cu/Co superlat-
tices have revealed that coherent interfaces remain for layers up
to 4nm [25,26], thus, we assume that full coherent interfaces will
come into being at A =4 nm in Cu/Co multilayers.

Cross-section transmission electron micrographs provide a
more intuitive view of the interfacial structure at small periodic-
ity. Fig. 2(a) shows the high-resolution electron micrograph of the
multilayer with A =4nm. Layered structure is still maintained at
A=4nm and coherent interfaces between Cu and Co layers have
been observed. Moreover, the corresponding SAD pattern with
[110] zone axis, as inserted in Fig. 2(a), also confirms the coher-
ence with the orientation relationship of (11 1)¢y//(111)co. Apart
from this, a twining structure with (11 1) twin planes parallel to
the layer interfaces is implied. Fig. 2(b) shows the bright field image
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Fig. 3. (a) Hardness values of the Cu/Co multilayer with A =4 nm determined by Oliver and Pharr method and Saha &Nix method are plotted as functions of penetration
depth, respectively. (b) Modulus of the Cu/Co multilayer with A=4nm determined by Oliver and Pharr method is plotted as a function of penetration depth. The plateau
region at the penetration depth of 100-200 nm indicates the intrinsic modulus value of 170 - 4 GPa. The inset shows P/S? as a function of the penetration depth. P/S? keeps
constant at penetration depth exceeding 100 nm, demonstrating that the film/substrate system is elastically homogenous.

of the multilayer with A =20nm, from which we can see that the
multilayer exhibits layered structure with columnar growth mor-
phology. Most of the grains extend across the full thickness of the
deposited films and the average width of the columnar grains is
about 60 nm. The average in-plane grain size of the other samples
is also examined. The results reveal that the in-plane grain size
decreases with decreasing periodicity and it was around 20 nm at
A =4nm, much larger than the periodicity.

3.2. Nanoindentation creep

As the total film thickness of the Cu/Co multilayers is approx-
imately 600 nm, before the room temperature creep properties is
discussed, the effects of the substrate on the determination of film
mechanical properties by nanoindentation is considered at first.
The nanoindentation data were measured continuously during the
loading of the indenter by the CSM method and then analyzed
by the Oliver and Pharr method [27]. The hardness and modulus
[denoted as H(O&P) and E(O&P)] with penetration depth for the
multilayer with A=4nm are presented in Fig. 3(a) and (b). It is
found that the hardness values increase continuously with the pen-
etration depth and no distinct plateau is observed. Whereas the
modulus values rise slightly after exhibiting a plateaus value about
172 4+ 2 GPain the range of 100-200 nm, indicating a modulus value
of 172 GPa. Similar variations in other Cu/Co multilayers with dif-
ferent periodicity are observed and the plateaus values that exist
in the modulus curves do not vary significantly with the periodic-
ity. For thin films, the variations in H(O&P) and E(O&P) are usually
considered to arise from either pile-up or substrate effects. Since
Cu/Co multilayers deposited on Si(100) water can be regarded as
soft film on hard substrate system, the plastic deformation occurs
only in the films when the penetration depth is less than the film
thickness. Furthermore, if the plateaus value in the modulus curve
is the intrinsic modulus of the multilayer, as it is as the same as
that of Si(100) (172 GPa) [28], the film and substrate system can
be regarded as elastic homogeneous. Joslin and Oliver have pro-
posed that the parameter P/S? = wH/48%E? can be used to discuss
the nanoindentation properties of a film/substrate system, where
P is the load on the sample, S is contact stiffness, 8 is a constant
that depends on the geometry of the indenter and E; is reduced
modulus, because hardness and reduced modulus are usually con-
stant with penetration depth for homogeneous materials, thus,
P/S? is also constant with penetration depth [29]. The parame-
ter P/S? is plotted as a function of penetration depth in the insert
in Fig. 3(b). It keeps a constant value about 1.5 x 10~% GPa after
100 nm, demonstrating that the film/substrate system is elastically
matched. The initial variation in parameter P/S? at shallow depth

originates from either indentation size effects or surface effects.
Therefore, substrate effects on Cu/Co multilayers mechanical prop-
erties can be excluded and the increase in hardness and modulus
with penetration depth is ascribed to the effect of pile-up. In order
to avoid pile-up effect, we calculate the hardness value using the
equation H = 48%PE? /7S? developed by Saha and Nix [28]. As the
system is elastically homogeneous, E; is deduced from the equation
1/Er =(1-v})/E+(1 - vfz)/Ef [27], where i and f denote indenter
and film, respectively. As the hardness is determined by measuring
the parameter P/S%, reduced modulus E;, and the contact area A is
not included directly, the errors associated with underestimation
of the contact area A are eliminated by this method. Hardness cal-
culated by this method [denoted as H(S&N)] is plotted as a function
of penetration depth in Fig. 3(a). Comparing H(S&N) with H(O&P),
we find that they are consistent well in the range of 100-200 nm
whereas a apparent deviation can be observed after that. H(S&N)
gradually approaches a constant value of 5.88 GPa in the range of
200-300 nm while H(O&P) keeps increasing with increasing pen-
etration depth. It indicates that the errors associated with pile-up
are insignificant until the penetration depth exceeds 200 nm.

To avoid the effects of pile-up and surface roughness on the
nanoindentation hardness values, we performed the room temper-
ature creep tests by loading all the samples to a predetermined
penetration depth of 100nm at a constant-load strain rate of
0.05s~! and then holding the load constant for 10 min to record the
variations in indentation depth and hardness values continuously.
After that, all the samples were unloaded to 10% of the maximum
load and then the load was held constant for a further 2 min to mea-
sure the thermal drift in order to adjust nanoindentation data that
recorded in the creep process. Finally the indenter was withdrawn
from the samples to zero load. A typical load-unload schedule is
shown in Fig. 4.

The relations between indentation displacement and holding
time for all the samples are plotted in Fig. 5(a). The data show that
all the creep process presents same tendency, thatis, aninitial sharp
riseinindentation displacement followed by aregion with a smaller
rate of increase. Usually, the initial stage corresponds to “tran-
sient creep” and the secondary stage corresponds to “steady-state
creep”. Meanwhile, size dependence of creep behavior is observed
as the total creep depth augments with the increasing periodic-
ity. Since all the creep tests are performed at same indentation
depth, the load and stress applied on every sample vary accord-
ing to their intrinsic hardness. Hence the influence of load and/or
stress is needed to be considered as the variation in the creep dis-
placement is discussed. We regard the hardness values at the end
of the holding time as the apparent average stress ¢ in the steady-
state creep stage and present them, together with holding load
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Fig.4. The load-unload sequence for a constant-load indentation creep experiment.

Fig. 5. (a) Variations in indentation displacement and (b) variations in hardness as
functions of time of all the samples.

values Pnax and total creep displacement u, in Table 1. Clearly, the
decrease in creep displacement with decreasing periodicity cannot
be caused by different holding load or stress, because the multilayer
with A=4nm exhibits smallest creep displacement of 16.11 nm
under highest holding load of 2.02 mN and average stress level of
3.74 GPa while the multilayer with A =40 nm exhibits largest creep

Table 1
Holding load values Pp,x, apparent average stress ¢ and creep displacement u of all
the multilayers.

A (nm) Pmax (MN) G (GPa)  (nm)
4 2.02 3.74 16.11
8 1.81 2.93 28.69
12 1.84 2.78 29.74
20 1.86 247 37.64
40 1.55 1.93 4147

displacement of 41.47 nm under lowest holding load of 1.55 mN
and average stress level of 1.93 GPa. Additionally, this phenomenon
implies that diffusion or grain boundaries sliding cannot be the
dominant creep mechanism because one of the characteristics of
diffusion creep or grain boundaries sliding is that the creep rate
increases with decreasing grain size according to & o« 1/d? or 1/d3
[30]. If the creep is controlled by diffusion or grain boundaries slid-
ing, the creep displacement of all the samples should increase with
decreasing periodicity. Thereby, we preliminarily conclude that the
inherent mechanism for indentation creep is controlled by disloca-
tion movement.

Although dislocation glide-climb mechanism is traditionally
thought to dominate the creep process only as homologous tem-
perature above 0.5T,, room temperature creep process dominated
by dislocation climb have been observed in metallic thin films [4,5]
and nanocrystalline materials [31]. It was explained that the highly
dense dislocations in the indent core or grain boundaries can pro-
vide effective diffusion paths, thus, dislocation climb can operate
very effectively even at room temperature. In fact, dislocation climb
is more likely to occur in multilayers because interfaces can act
as sources to emit and absorb the vacancies and interstitials and
then enhance their recombination. In face, Wang et al. have inves-
tigated room temperature dislocation climb in metallic interface of
Cu/Nb multilayer system using atomistic simulation [32]. It reveals
that a mixed dislocation in the interfaces acts as a sink for absorb-
ing vacancies accompanied with a counter diffusion of Cu atoms
to the dislocation core. Consequently, a patch of extra Cu(111)
forms at the end of the half plane of Nb(1 10). Through climb, the
out-of plane component of the mixed dislocation dissociates into
two parts. Then they are separated through climb in the interface
due to the associated large decrease in the line energy. One climbs
through absorption of vacancies, but the other one through emis-
sion of vacancies, both associated with a counter diffusion of Cu
atoms in the interface. Thus, these two parts can spread in the inter-
face widely and when two dislocations of opposite sign encounter,
they will dissolve and lead to dislocation annihilation. More details
about the room temperature climb process can be found in Ref. [32].
Similar climb process is expected to occur in Cu/Co multilayers.

In order to further clarify the creep mechanism, we use the con-
stitutive equation to analyze the creep process. Some investigators
have demonstrated thatindentation creep curves could be analyzed
by applying steady-state creep equation [33,34]:

£ =Ao" (1)

whereAis aconstantrelated with temperature, nis stress exponent.
When the size dependence of power-law creep is concerned, the
steady-state creep strain rate can be indicated by a modified grain
size-dependent form

e =A(§)p0” 2)

where A/2 is layer thickness and p is size sensitivity index. For
indentation creep with a self-similar indenter, the creep strain rate
& is defined as & = C/\/fTC -(dh/dt) and indentation contact stress
o is defined as o =P/A., where h is indentation displacement, t is
time and C is a constant dependent on indenter shape. Using the
dimensional analysis suggested by Sargent and Ashby [35], we get
the following relation from Eq. (2):
1
H(t) = —————— 3)
[A1(A/2)P] et/

In H(t):—%lnt—pln(A/Z)l/”+A2 (4)

where A; and A, are constants related with indenter shape and
temperature. For every sample with specific periodicity, as the
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Fig.6. (a)In H-Int plots for all the multilayers. The slope of these lines will be (—1/n)
from which the stress exponent, n, is determined. (b) The stress exponent show a
slight dependence on periodicity at A > 8 nm while an apparent rise is observed at
A=4nm.

creep test was performed at room temperature, n-values can be
calculated by the gradient of a plot of In H against In t. Then, insert-
ing such n into Eq. (4), we can obtain p-values by the gradient
of a plot of InH against In(A/2)!/", Variations in hardness of all
the samples with holding time are plotted in Fig. 5(b). Hardness
decreases with holding time because of the increase in indentation
displacement. Moreover, it drops dramatically in the initial creep
stage compared with the secondary creep stage, which is due to
the mechanical transient effects and inertia effects that dominate
the transient creep [34]. Hence, we only take the hardness values
obtained after 300 s into account when discussing stress exponent
and size sensitivity index. InH as a function of Int is plotted in
Fig. 6(a) and obvious linear relationships are observed in all the
samples. The n-values extracted from Fig. 6(a) vary from 2.65 to
8.99, as plotted in Fig. 6(b), further confirming an inherent creep
mechanism controlled by dislocation glide-climb. Furthermore, we
notice that the stress exponent shows a slight dependence on peri-
odicity at A > 8 nm, giving an average value of 3.31. Later, a sharp
rise to 8.99 occurs at A =4 nm. Similar variation in stress exponent
has also been observed in our previous research on Cu/Ni system
[11]. The stress exponent in Cu/Ni system varies around an aver-
age value of 2.74 at A > 14nm and a significantly increase to 6.78
at A=10.5nm. In order to calculate the size sensitivity index, we
present In H that obtained at different time intervals of 311 s,422s,
502s and 666 s respectively as functions of In(A/2)'/", as shown
in Fig. 7(a). It can be seen that at A > 8 nm, similar linear relation-
ships are observed at different time and the p-values calculated by
the gradient approaches a steady value around 0.5 with extending
holding time, as plotted in Fig. 7(b). However, at A =4 nm the linear
relationships trend to break up and a higher p-value is expected.

3.3. Adislocation model for steady-state deformation

As the Cu/Co multilayers have columnar grain structure, two
kinds of characteristic length scale, layer thickness A/2, and

Fig. 7. (a)ln H-In(A/2)"/" plots for all the multilayers. The slope of these lines will
be (—p) from which the size sensitivity index, p, is determined. (b) Size sensitivity
index of Cu/Co multilayers calculated at different time approaches a steady value
around 0.5 with extending holding time.

in-plane grain size, d, are needed to be considered when the defor-
mation mechanism is concerned. Verdier et al. have proposed a
deformation mechanism map which takes the role of A/2 and d
into account and have found that in the region where the in-plane
grain size is much larger than the layer thickness, the layer thick-
ness acts as the dominant length scale [36]. Moreover, it is generally
accepted that the dominate deformation mechanism operating in
nanoscale multilayers is single dislocations slip in confined layers at
the few to a few tens of nanometers length scale because dislocation
pile-ups can not form in such small length scale [3]. Therefore, for
the Cu/Co multilayers with periodicity of 4-40 nm, the steady-state
creep process is induced by the glide of dislocations in confined
layers and mixed dislocations are deposited at the intersection of
{111} glide planes and the layer interfaces during deformation
[37,38]. That is to say, dp* dislocations will generate at the inter-
faces during a shear strain interval dy. The applied shear stress ©
required to propagate a glide loop of Burgers vector b confined to
one layer can be calculated by the equation

S (4_U) [lna—h/}, (5)

T 8mh' \1-v b

where u is the shear modulus, I’ is the layer thickness measured
parallel to the glide plane and « represents the core cutoff parame-
ter [3]. We find that single dislocations will propagate successively
in Cu layers while Co layers continue to deform elastically because
of the higher value of the shear modulus in Co layers. For example,
for the multilayer with A =20nm, as ¢y =45 GPaand jtco =71 GPa,
taking v~ 0.3 for an estimation [11], we find that 7¢, ~0.60 GPa
while 7¢,~0.91 GPa. Multiplied by the Taylor factor of 3.1, the
stress that needed for the initial glide of “hairpin” dislocation loops
confined in Cu layers and Co layers are calculated to be 1.86 GPa
and 2.82 GPa, respectively. It means that under the average stress
0f2.47 GPain the steady-state creep process, the single dislocations
in the Cu layers will start to slip while the Co layers keep deform-
ing elastically. This deformation process is schematically shown in
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Fig. 8. Schematic representation of dislocations generation by single dislocations
slip in confined layers and dislocations annihilation by climb along the interfaces.
(a) Gild dislocations propagate successively in confined Cu layers while Co layers
continue to deform elastically (dashed line represents slip plane). Mixed disloca-
tions (e.g. dislocation labeled 1) are deposited at the interfaces and finally arrive at
the equilibrium position at L=A/2. (b) Mixed dislocations dissociate into interfacial
dislocations (such as those labeled 2 and 3), and two interfacial dislocations of oppo-
site sign configurate a dislocation dipole (encircled in b). Atomic diffusion along the
interfaces leads to the dissolution of the dislocation dipoles.

Fig. 8(a). The mixed interface dislocations will finally arrive at equi-
librium position at L=A/2 due to the affects of the edge-type misfit
dislocations, where A is the equilibrium spacing of misfit disloca-
tions [24,39]. Sevillano et al. have proposed specific reasons for the
relation of dislocation generation when the grain size is below a
characteristic length and size effects are expected [40]

2/3
o (3) ! ©)
dy d

where d is the sample dimension and can be regarded as A/2 in
multilayers. On the other hand, using atomic simulations on Cu/Nb
multilayers, Wang et al. have shown that reactions between inter-
facial dislocations assisted by climb could lead to annihilation of
dislocation content [32,41]. As shown in Fig. 8, the mixed disloca-
tions (e.g. the dislocation labeled 1 in Fig. 8(a)) at interfaces can
dissociate into interfacial dislocations [e.g. the dislocations labeled
2 and 3 in Fig. 8(b)] having out-of-plane component of Burgers vec-
tor through the transport of vacancies and Cu atoms within the
interface (the in-plane components of Burgers vector are not shown
in the figure). As a consequence, dislocations can widely spread in
the interfaces, which will lead to dislocations annihilation when
two dislocations of opposite sign are dissolved. In order to esti-
mate the rate at which dislocations are recovered at interfaces, we
make the simplifying assumptions that each interfacial dislocation
dissociated from mixed dislocations has a neighbor of the same
sign (coming from the same mixed dislocation) and a neighbor of
opposing sign (coming from the neighboring mixed dislocation).
Two interface dislocations with opposite sign configurate a dis-
location dipoles, as indicated by the dashed rectangle. Thermally
activated dislocations annihilation is assumed to be controlled by
time-dependent dissolution of interfacial dislocation dipoles by
climb at the rate

P e pay ™)

where f. is the frequency of dissolution of dislocation dipoles by
climb and pg;p is the density of dipolar dislocations at interfaces.
This density equals a fraction fy;, of total p, and f; is expressed as
fe =vc p/sp, Where U, is the average climb velocity and sy, is the dis-
tance between the dipole components. As indicated in Fig. 8, s, =X
could be assumed for multilayers with semi-coherent interfaces.
Using MD simulations, Wang et al. have found that the dislocation
climb observed in Cu/Nb multilayers involves only diffusion in the
interfacial Cu planes and the diffusion of Nb atoms in the inter-
faces or of either Cu or Nb in the bulk crystals is negligible [32]. It is
ascribed to a huge difference in the formation energies of vacancies
in Cu and Nb crystals compared to vacancy formation within the
interfaces and the decrease in energies as Nb vacancy is exchanged
with an interfacial Cu atom thereby creating a Cu vacancy. Further-
more, they point out that the rate of climb depends on the vacancy
concentration and vacancy diffusivity in the interface and calculate
the climb velocity in Cu/Nb multilayers at the room temperature is
a constant around 0.5 m/s. Similarly, only the diffusion in the inter-
faces needed to be taken into account as the climb velocity vy, in
the Cu/Co multilayers is considered. Moreover, it can be also esti-
mated as a constant although both the diffusion of Cu atoms and Co
atoms in the interfacial planes may be involved in the dislocation
dissolution. Thus, the dislocation annihilation is expressed as:

do” p (8)

Ve,p
ar e,

Sh

For the steady-state creep process, the average dislocation den-
sity p remains constant with straining due to balance between
dislocations generation and annihilation, expressed as dp*=dp~.
Then, dislocation generation dp*/d7y is rewritten as:

dot _dp~ _1dp-

o T dy 7y dr 9
Inserting Eqs. (6) and (8) into (9), we obtain the relation

. dp/dt AN Uch

= arrar(2) 1)

For fcc metals deformed at room temperature, the applied
resolved shear stress can be estimated using Taylor equation 7 =
aub./p, where « is a constant. Therefore, the steady-state relation
between normal strain rate ¢ = /M and normal stress o =7/M (M
is Taylor factor) is established as:

. A 2/31)6’1J X
ea(j) Hcr (11)

We can see that dislocation spacing s, plays a key role in the
steady-state creep. Larger s, leads to a lower rate of recovery
and a lower strain rate. That is to say, it results in strength-
ening. In semi-coherent interfaces, s, approximately equals to
the equilibrium spacing of misfit dislocations s, =A=b/§, where
8 is the mismatch strain between layers. For bcy=0.25nm and
8=2(a — a®)/(a +a®)~2%, s,=12.5nm. Therefore, Eq. (11)
yields a relation & (A/2)2/302. It predicts that for multilayers
with semi-coherent interfaces, the steady-state creep process will
give a p-value of 0.67 and an n-value of 2.

Comparing the model predicted values with the experimental
data, we find that they are consistent well at A >8nm although
the predicted values are slightly smaller than the experimental
data. This discrepancy may be due to the contribution of grain
boundaries which is not considered in the present model. For
Cu/Co multilayers with columnar grain structure, grain bound-
aries can also provide effective diffusion paths for the creep climb,
which may have modified the stress dependence of the creep rate.
While the present model gives good predictions for the steady-
state deformation, at A=4nm, the experimental value of stress
exponent sharply increases to 8.99, which is much higher than
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the predicted value. This problem may arise from two aspects.
First, the estimation s, =A =b/é is achieved only in semi-coherent
interfaces. Thus, at A=4nm where full coherent interfaces have
formed, the relation & o (A/2)2/3<72 is invalid. The increase in the
stress exponent occurred at A =14 nm in Cu/Ni system can be also
explained by this reason because the coherency is observed to lose
at critical layer thickness about 5 nm in that system [24]. Secondly,
although the creep process is still controlled by dislocation glide-
climb mechanism at A =4nm as indicated by the stress exponent,
the deformation model has already changed from single dislocation
slip in confined layers to crossing of dislocations across interfaces
at a couple nanometers [3]. Thus, we hypothesize that the dislo-
cation model involving single dislocations slip in confined layers
and dislocations climb at the interfaces is no longer applicable at
A =4nm.Furthermore, as coherent interfaces form at A =4 nm, the
alternating compression-to-tension in-plane coherent stresses will
block the cross of dislocations across interfaces effectively, which
leads to the increase in the stress exponent.

4. Conclusions

In summary, microstructure and room temperature indentation
creep of Cu/Co multilayers with periodicity of 4-40 nm were inves-
tigated. The results show that superlattice structure forms with
decreasing periodicity and coherent interfaces come into being
as periodicity down to 4 nm. Size dependence of the power-law
creep is observed and the steady-state relation between strain
rate and stress is discussed by dimension analysis. A dislocation
model is proposed to predict the stress exponent and size sen-
sitivity index during the steady-state deformation in multilayers
with semi-coherent interfaces. The model involves single disloca-
tions slip in confined layers and dislocation climb mechanism at the
interfaces, and can well describe the experimental observations.
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